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Abstract
Designing microstructure of components made from Inconel 718 nickel based superalloy (IN718) with
tailored mechanical properties for high temperature applications, require sequential thermo-mechanical
processing. This often includes straining and annealing at solution annealing temperature (i.e. ≈980℃)
followed by water quenching and subsequent aging heat treatments at lower temperatures. In addition to
the microstructure development (i.e. precipitation) the aging heat treatment partially relieve the residual
stresses generated at previous stages of forging and water quenching, however the stress field will not be
completely relaxed.
In this study, a series of experiments were conducted on round tensile specimens made from IN718 bar to
investigate tensile stress relaxation behaviours at elevated temperatures used for aging heat treatments. The
stress relaxation curves obtained can be described by a hyperbolic function with a non-zero asymptotic
stress (σ∞), which seems to be proportional to the initially applied stress (σ 0) for a fixed temperature. This
behaviour is investigated at temperatures between 620℃ and 770℃ that is a temperature range used in
industry to perform the aging heat treatments to obtain microstructures with tailored mechanical properties.
It has been shown that the σ∞/ σ0 ratio has decreased rapidly with increasing temperature at this range. The
relaxation behaviour has been assessed numerically and an empirical relationship has been defined for each
temperature that can be used for modelling purposes.
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1

Introduction

Due to its excellent creep and fatigue resistance at elevated temperatures and superior durability in exposure
to hot gas, nickel based superalloy IN718 is among the selected engineering materials used for
manufacturing of critical components for aerospace applications. It is especially suitable for applications at
temperatures up to 650℃ such as combustion chambers and aircraft turbine components (e.g. discs and
aerofoils). IN718 is a precipitation hardenable nickel-iron based alloy containing significant fractions of
chromium, niobium, molybdenum, and smaller fractions of titanium and aluminium in its chemical
composition [1, 2]. The high temperature mechanical strength of this alloy is owing to the precipitating
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phases based on Ni3Nb with varying percentages of titanium and aluminium substituting for niobium in the
form of Ni3(Al, Ti) [3, 4].
The most stable Ni3Nb precipitate is orthorhombic (D0a) δ-phase (≈700℃ - 1000℃) which nucleates at
grain boundaries and grows as thin plates laying on the {111} planes of the face-centred cubic (fcc) matrix,
extending into the grains [3, 5]. Nucleation of δ-phase can also occur within grains (i.e. intragranularly) in
the presence of γʺ that is also based on Ni3Nb with different crystallographic structure and stability range
[5]. γʺ is the major strengthening phase with body centred tetragonal (bct) crystal structure precipitates
between 620℃-900℃ and dispersed in the fcc γ matrix [4]. In addition to γʺ, the γʹ with usual cubic (Ll2)
structure and Ni3(Al, Ti) chemical stoichiometry, provides additional strengths to IN718 [6]. The δ-phase,
due to its morphology, does not have a significant effect on the hardening of the alloy, however, it has
specific beneficial effects such as grain boundary pinning to prevent grain growth during solution heat
treatments [7], and resistance to grain boundary creep fracture in service [8, 9].
Despite being more thermodynamically stable, the kinetics of precipitation of δ-phase below 900 ℃ is
significantly slower such that it is always preceded by γʺ precipitation. This is however not the case
above 900 ℃ where the solvus temperature of γʺ precipitation is reached [1]. Since both phases are based
on niobium and only a limited amount of niobium exist in the chemical content, the nucleation and growth
of the δ-phase indicates the loss of γʺ phase. γʺ phase is thermodynamically metastable and long term
exposure to temperatures over 650 ℃ leads to its transformation to the most thermodynamically stable
form of Ni3Nb or the δ-phase [4]. Long exposure times in excess of 3000 hours has been seen to result
in decomposition of γʺ in to γʹ (650℃-850℃) or δ (750℃-1000℃) phases [3]. The volume fractions of γʺ
and γʹ in IN718 that is subjected to a full heat treatment cycle including solution annealing and double aging
heat treatment approaches 20% and 5%, respectively [10, 11]. The theoretical maximum of γʺ in IN718 is
21%.
Control of the microstructure during manufacturing processes of components (e.g. turbine discs) made from
IN718 is essential to the development of the mechanical properties required for high temperature
applications. These parts typically undergo two stages of thermo-mechanical processing including (i)
solution heat treatment at temperatures around the δ-phase solvus temperature that can be slightly above or
below this temperature followed by rapid cooling (i.e. water quenching), and (ii) subsequent heat treatments
at lower temperatures (i.e. 720℃ and 620 ℃). The benefits of heat treatments at 720℃ and 620 ℃ are
firstly to partially relieve the residual stresses induced by water quenching following the solution
treatment process, and secondly to precipitate γʺ and γʹ intragranularly which are critical for high
temperature creep resistance.
If the material undergoes a solution heat treatment below the δ-phase solvus temperature (i.e. sub-solvus),
a large quantity of δ-phase resides at the grain boundaries thus preventing substantial grain coarsening
through grain boundary pinning. This sub-solvus solution heat treatment however, reduces the potential
volume fraction of intragranular γʺ and hence there is less contribution to the material’s mechanical
properties due to the fact that both δ-phase and γʺ are based on Ni3Nb. On the other hand, a solution heat
treatment above the δ-phase solvus temperature (i.e. super-solvus) results in a microstructure with
maximised intragranular precipitation of γʺ and minimised δ-phase at the grain boundaries which makes
the material prone to high temperature grain boundary creep fracture and increased notch sensitivity [8, 9].
The post solution heat treatment water quenching process results in a higher density of nucleation sites for
γʺ precipitation, and the volume fraction of the γʺ precipitates increases substantially on aging between

575℃ and 720℃ for up to 100 hours [3]. This in turn leads to the generation of high amounts of interfacial
areas between the γʺ and the γ matrix which makes the material metastable by increasing the overall energy
level of the entire system. A prolonged aging heat treatment at temperatures closer to the lower limit of the
575℃ - 720℃ range results in increased γʺ precipitation without excessive particle growth, whereas aging
at temperatures towards the upper limit of this range causes reduction of the interfacial area between γʺ and
the γ matrix by an increase in the size of γʺ precipitating phase, known as Ostwald ripening, leading to
degraded mechanical properties [3]. The optimised occurrence of second phase precipitations in IN718
requires the availability of appropriate amounts of alloying elements in the matrix. This means that if the
alloying elements precipitate in the form of unwanted phases, such as carbides, then the δ, γʹ and γʺ phases
will not precipitate correctly, with a consequence that the material doesn’t obtain its full strength.
The thermal gradients seen during water quenching from the solution heat treatment temperature can be
severe enough to generate residual stress fields of significantly high magnitudes [12-16]. The subsequent
aging heat treatments at lower temperatures (i.e. 575℃ - 720℃) employed for microstructure modifications
might also relieve these stresses through creep deformation, however it is rare for the stress field to be
completely relaxed. These stresses can be beneficial or detrimental to the fatigue performance of the
material in service [17, 18], but most importantly, they can influence the strategies based on which the final
machining operations of the manufacturing processes are executed. This is primarily due to the
redistribution of residual stresses caused by material removal which results in the movement of the
remaining material out of specified dimensional tolerances. Hence why, understanding the generation of
residual stresses during quenching and their evolution throughout the aging heat treatment becomes
imperative.
The stress relaxation test allows some of the material’s high temperature characteristic behaviours such as
the stress sensitivity exponent and the average internal stress, to be determined phenomenologically, in a
relatively short period of time [19]. These characteristic properties can be used in relationships describing
the active physical mechanisms during high temperature deformation. The aim of this study is to empirically
predict the stress relaxation behaviour of highly loaded IN718 nickel based superalloy with the application
of hot relaxation tests at the usual temperature range (i.e. 575℃ - 720℃) practiced in industry for aging
heat treatments. The modelling of stress relaxation at the microstructural scale is beyond the scope of this
investigation as it requires information on more than one microstructure parameter (e.g. dislocation density)
which underlies the highest thermal and complex mechanical loads. A physically based model to simulate
stress relaxation based on microstructure constituents can be found elsewhere [20].

2
2.1

Experimental Procedure
Material

The material chosen for this study is IN718 superalloy in the form of 20mm diameter and 1000mm long
bars. The nominal chemical composition for this material, supplied by the manufacturer, is provided in
Table 1. The as-received bars were heat treated at 980℃ for one hour followed by water quenching, and
then a sufficient number of round tensile specimens with threaded ends were made from the heat treated
material according to the ASTM standard [21]. Samples were also manufactured from the as-received
material for comparison between the tensile properties before and after the 1 hour heat treatment at 980℃.
The microstructures of the as received and heat treated materials were characterised using electron
backscatter diffraction (EBSD). For the EBSD analyses, samples were cut from the as received and heat

treated materials along and perpendicular to the length of the bars, and mechanically ground and polished
to a mirror finished condition. The samples were then subjected to a final stage of vibratory polishing for a
period of 3 hours using diluted colloidal silica (i.e. 70% deionised water) suspension. The acquisition of
EBSD maps were carried out using a fully automated HKL-EBSD system interfaced to a FEI Quanta-250
field-emission gun scanning electron microscope (SEM), with an accelerating voltage of 20 kV and a 100
µm dia. aperture. The acquisition time was set to 40 ms, collecting at least 1 frame for each point. At least
4 maps have been collected per sample, and in all cases, a minimum of 93% of the scanned areas with a
typical size of 500µm × 500µm, were indexed.
Table 1: Chemical composition of the IN718 material investigated in this study (wt%)

2.2

Elements

Ni

Cr

Fe

Mo

Nb

Al

C

Ti

(wt%)

Base

18.00

18.50

3.00

5.20

0.50

0.04

0.90

Tensile Experiments

The tensile specimens were designed according to the ASTM standard for testing of metallic materials in
tension [21]. A schematic representation of the round tensile sample with all the relevant dimensions are
shown in Figure 1. The tests were conducted on the material in the as received and heat treated conditions
at room temperature (RT). Tests were also conducted on samples in the heat treated condition (i.e. annealed
at 980℃ for one hour) at 620℃, 670℃, 720℃ and 770℃ that were the temperatures chosen for the stress
relaxation experiments described in the following section. The tension experiments were carried out using
a standard tensile test machine (Zwick/Roell-Z150) at a crosshead displacement of 2 mm/minute equivalent
to a strain rate of 10-3 1/s, and a ceramic extensometer with a 20 mm gauge length was implemented to
measure strain.

Figure 1: Schematic sketch of the standard tensile test sample used for the manufacture of specimens, with
the dimensions provided.

2.3

Stress Relaxation Methodology and Tests

The stress relaxation experiments were conducted based on the ASTM [19] standard using a screw-drive
Zwick/Roell-Z150 testing machine with an adapted furnace capable of reaching a steady state target
temperature after about 20 minutes. Based on this practice, the specimens were first deformed under

constant crosshead speed of 1mm/min which produces an average strain rate of 𝜀̇ = 4.8 × 10-4 1/s, until an
initial plastic strain of εop or an initial stress of σ0 is reached. Then the crosshead motion of the tensile test
machine was abruptly stopped; subsequently, the stress is recorded as a function of time during the
relaxation phase, while the strain is kept constant. This has been schematically illustrated in Figure 2.

Figure 2: Schematic representations of (a) constant strain rate deformation (Input), and (b) stress relaxation
(Output) as functions of time.

The stop point of the crosshead motion corresponds to a total constant strain (εtot) which includes the
different contributions of plastic strain (εpl) and elastic strain (εel). The contribution of elastic strain can be
represented by the measured stress (σ) and Young’s modulus (E) of the material (Equation 1).
𝜀𝑡𝑜𝑡 = 𝜀𝑝𝑙 + 𝜀𝑒𝑙 = 𝜀𝑝𝑙 +

𝜎
𝐸
Equation 1

During the constant crosshead motion (i.e. loading in tension), not only does the specimen undergo elastic
deformation but the entire tensile testing rig is also elastically loaded according to Hooke’s law, depending
on the magnitude of the applied load. Hence the stress relaxation experiment needs to be conducted on a
hard testing rig with very high stiffness. The interaction between the specimen and the testing rig can be
visualised by the aid of a mechanical model. In this model the elastic deformations are represented by
springs and the time dependent plastic deformations by dashpots [22]. Figure 3 schematically shows the
material behaviour by a combination of springs and a dashpot. The deformation of the dashpot is not straight
forward and can only be described by a constitutive relation between stress (σ), strain (εp), strain rate (𝜀̇p)
and temperature (T) (Equation 2). The exact form of Equation 2 depends on the kinetics associated with the
mechanisms that are controlling the plastic flow.
𝐹(𝜎, 𝜀𝑝 , 𝜀̇𝑝 , 𝑇) = 0
Equation 2

Figure 3: (a) The mechanical model used to represent the elastic and plastic deformation in stress relaxation
tests; σe, σi, and σ0 are effective stress, internal stress and applied stress, respectively, (b) a photograph showing
the tensile test rig taken just after the termination of a test at 720℃.

In stress relaxation test, from the beginning of the test where the strain is zero (ε = 0) up to a point when
the crosshead motion is stopped (ε = εop), the crosshead velocity of the testing machine (v) is matched by
the elastic (𝐿̇𝐸 ) and plastic (𝐿̇𝑃 ) deformation rates of the specimen and the elastic extension rate of the
machine (𝐿̇𝑀 ) (Equation 3).
𝑣 = 𝐿̇𝐸 + 𝐿̇𝑃 + 𝐿̇𝑀
Equation 3

Upon the termination of the crosshead motion the velocity term in Equation 3 (i.e. the crosshead velocity)
becomes zero (v=0). If the stiffness of the machine is described as K and the applied force as P, then the
machine stiffness can be defined as 𝐾 = 𝑑𝑝⁄𝑑𝐿𝑀 . Substituting these terms in Equation 3 would lead to
Equation 4.
𝐿̇𝐸 + 𝐿̇𝑃 +

𝑃̇
=0
𝐾
Equation 4

In Equation 4 the force is described as a force rate (dP/dt). Dividing all terms by the initial length of the
specimen (L0) and defining the stress rate as 𝜎̇ = 𝑃̇⁄𝐴0, in which A0 is the initial cross section of the

specimen, will provide Equation 5 in which the apparent stiffness of the system is defined as a function of
the machine stiffness and Young’s modulus of the specimen.
1
𝛥𝑙𝑡 1
𝑙
=
= +
∗
𝐾
𝑃
𝐾 𝐸. 𝐴0
Equation 5

In Equation 5, K* is the universal stiffness that is inversely proportional to the total elastic elongation (Δlt)
acquired under a given load (P), K is the machine’s stiffness, E is the modulus of elasticity of the material
and l and A0 respectively are the initial length and cross section of the specimen. Note that the total elastic
elongation (Δlt) is the measured crosshead displacement. The only complication with Equation 5 is that the
Young’s modulus (E) of the material under investigation should be known at the testing temperature.
Therefore, the Young’s modulus at each testing temperature was measured using a high temperature
Maytech extensometer with a 20 mm initial gauge length. For the stress relaxation tests, the extensometer
has then been removed upon reaching the target initial plastic strain (𝜀𝑜𝑝 ). This has firstly been due to
difficulty with the temperature control of the furnace having a slot opened for the installation of the
extensometer, and secondly because the extensometer’s legs tend to slide after remaining at high
temperature for relatively long periods of time which adds uncertainty to the measurement. Following the
introduction of the initial plastic strain (𝜀𝑜𝑝 ), the samples were allowed to relax for 40-60 minutes
depending on the load decrease rate. After this time all the recorded loads vs. time curves tended toward a
non-zero value corresponding to an asymptotic stress denoted as σ∞ (see Figure 2b). This is measured after
a relaxation period by applying an incremental unloading technique that is widely used in previous studies
[23-29].
Based on the incremental unloading principles, the plastic strain rate at zero equivalent stress (σe=0) is
equal to zero. Therefore at stresses below the internal stress level, the relaxation is negative which then
results in an increase in the stress vs. time curve upon the applied unloading. The internal stress can be
considered as the applied stress at zero strain rate. The determination of absolute zero strain rate is
practically impossible due to the relaxation happening in the machine [28]. Hence a range of stress can be
determined within which the strain rate is close to zero. The width of this stress range depends on the
sensitivity of the equipment and also properties of the material under investigation [26]. Different materials
may have a smaller or broader stress range within which the plastic strain rate is less than the sensitivity of
the equipment. Figure 4 schematically shows the incremental unloading processes for characterisation of
internal stress (σi). Table 2 summarises the test matrix including the percentages of deformations and the
test temperature for stress relaxation tests carried out during the course of this study.

Figure 4: (a) Schematic illustration of a typical stress relaxation curve including three stages of initial loading
to σ = σ0, relaxation and incremental unloading, (b) The magnified incremental unloading stage highlighted
in (a) for the determination of internal stress (σi = σ∞) [29].
Table 2: Summary of stress relaxation experiments at different temperatures and applied strain
Material’s Condition

Temperature (℃)

Strain (%)

620
Heat Treated for
1 hr at 980℃

670

0.5, 1, 2

720
770

3
3.1

Results
Materials Microstructure

Figure 5a and b show SEM appearances of the as received and heat treated (i.e. 1 hour at 980℃)
microstructures containing δ-phase (i.e. white segments) at grain boundaries. The as received
microstructure consisted of polygonal grains with an average grain size of 3.0 ± 0.2 µm perpendicular to
the length, and 3.8 ± 0.2 µm along the length of the as received bar. The one hour heat treatment at 980℃
has resulted in the dissolution of δ-phase by approximately 3-5% volume fraction (Figure 5a, b) and a
slight grain growth of about 1 µm, such that the average grain size of the heat treated microstructure was
measured to be 3.9 ± 0.3 µm perpendicular to the length and 4.6 ± 0.3 µm along the length of the bar.
Figure 5c and d show orientation image maps (OIM) of the as received and the heat treated materials using
inverse pole figure (IPF) colouring with respect to the normal to the plane of view. Both microstructures
have random texture and no preferred orientation. Other than a slight difference in the grain size, no
measurable difference is observed in microstructures (i.e. texture and grain boundary misorientation) along
and perpendicular to the length of the bars for both the as received and heat treated materials.

Figure 5: SEM micrographs of (a) the as received material, and (b) after 1 hour heat treatment at 980℃, (c)
and (d), respectively, are the EBSD IPF colouring maps with respect to the normal to the plane of view of the
as received and heat treated materials. δ-phase in (a) and (b) appears as white particles lying predominantly
on the grain boundaries. Note that the few large white features are not part of the microstructure and can be
colloidal silica left from the polishing stage of the sample preparation.

The aging heat treatments of the solution treated (1 hr at 980 ℃) microstructure at the temperature range
used for the stress relaxation tests (i.e. 620 ℃ – 770 ℃) had no measurable influence on the size and

distribution of δ-phase by SEM, and the grain size distribution. Figure 6 shows the plot of average grain
size for the as received material and the heat treated materials including the solution annealed (1hr at 980℃)
microstructure plus those aged at 720℃ and 770℃ for ≈ 1 hour following the solution annealing. It can be
seen that only solution annealing causes ≈ 1 µm increase in the average grain size compared to that of the
as received microstructure, and further aging heat treatment has no influence on the grain size.

Figure 6: Plot of average grain size as a function of solution annealing (SA) heat treatment (1hr at 980℃) and
subsequent aging heat treatments at 720℃ and 770℃. For each microstructure, the grain size has been
evaluated by including and excluding twins with ∑3 misorientation as grain boundaries, individually. Data for
the as received (As Rec) material is provided for the aid of comparison. The error bars are the second root of
sum of the squares of standard deviations calculated for at least four EBSD maps per microstructure.

3.2

Tensile Properties

Figure 7 shows the full engineering stress-strain curves obtained for the solution treated material tested at
room temperature and at elevated temperatures ranging from 620℃ to 770℃. The data for the as received
material is also provided for the aid of comparison. The measured tensile properties for these conditions,
including Young’s modulus (E), yield stress [Rp0.2%], ultimate tensile strength (UTS) and maximum
elongation are summarised in Table 3. For the solution treated material, Young’s modulus is decreased
from 195 GPa at room temperature to 143 GPa at 770℃ (Figure 7 and Table 3). Increasing
temperature from RT to 620℃ has resulted in ≈50MPa reduction in the yield strength, while
increasing temperature from 620℃ to 720℃ led to a significant increase (>200 MPa) in the yield
strength followed by a slight decrease (≈30 MPa) when further increasing temperature from 720℃
to 770℃ (see Figure 7 and Table 3). Similarly to the yield stress trend, the UTS has decreased from
965MPa at RT to 778 MPa at 620℃, and then increased to 819 MPa when increasing temperature
from 620℃ to 670℃. Increasing temperature beyond 670℃ to 770℃ has resulted in significant
decrease in the UTS. The percentage of elongation of the as received and solution treated materials
at room temperature are measured to be 39% and 42%, respectively. The percentage of elongation
for the heat treated microstructure is increased to 48% by increasing the temperature from RT to
620℃. This has then slightly reduced for the tests at 670℃ and 720℃, however, that of the test
carried out at 770℃ has reduced significantly to 25% (see Figure 7 and Table 3).

Figure 7: Full engineering stress-strain curves for the heat treated microstructure (HT) at different
temperatures. Data for the as-received material is provided for the aid of comparison.
Table 3: The measured mechanical properties of the IN718 material in the as-received and solution treated
condition at room temperature and elevated temperatures. The errors are the standard error of several trials.
Ultimate
Tensile
Strength
(MPa)

Elongation
(%)

Material’s
Condition

Temperature
(℃)

As-received

RT

195 ± 3

551 ± 2

991

39

RT

193 ± 2

528 ± 3

965

42

620

184 ± 8

470 ± 2

778

48

670

175 ± 10

549 ± 1

819

43

720

167 ± 3

675 ±9

787

44

770

143 ± 2

647 ± 4

686

25

Solution
Treated
(1 hr at 980℃)

3.3

Yield
Strength
[Rp0.2%]
(MPa)

Young’s
Modulus
(GPa)

Stress Relaxation

Figure 8a and b respectively, show the stress-strain curves and their corresponding stress-time curves for
the stress relaxation tests conducted on the solution treated microstructure at 720℃ under different levels
of applied strains (εop). Due to the different levels of plastic deformation, the applied stress at the start of
stress relaxation tests (i.e. σ0) has different magnitudes. It can clearly be seen that in the stress-time curve,
the stress tends toward a non-zero asymptotic value of σ∞, as highlighted in Figure 8b for the sample
deformed to 2.1% strain. The relaxation curves recorded for the samples tested at 620℃, 670℃ and 770℃
are similar to those shown for 720℃ in Figure 8.

Figure 8: Stress relaxation tests at 720℃ with different initial strains of 0.6%, 1.1% and 2.1% on the solution
treated (i.e. 1 hour at 980℃) material (a) stress-strain, and (b) stress-time.

The initial applied stress (σ0) and the non-zero asymptotic stress (σ∞) for all of the stress relaxation tests are
extracted from the recorded data based on the methodology described in the experimental procedure. The
relationships between the non-zero asymptotic stress (σ∞) and the initial relaxation stress (σ0) are shown in
Figure 9 for the tests conducted at different temperatures. These plots show that at a given temperature the
σ∞/σ0 ratio tends to remain in the same order, disregarding the magnitude of the initial applied stress (σ0)
(i.e. different percentages of plastic deformation). This interesting parameter may be the material’s
characteristic behaviour. It can be seen that with an increase in the test temperature the σ∞/σ0 ratio decreases
rapidly, in particular when the temperature is increased beyond 720℃. This is shown in Figure 10 for more
clarity.

Figure 9: Variation of asymptotic stress (σ∞) as a function of initial relaxation stress (σ0) at (a) 620℃, (b) 670℃,
(c) 720℃ and (d) 770℃.

Figure 10: The variation of σ∞/σ0 ratio with temperature for the stress relaxation experiments on heat treated
IN718.

4
4.1

Discussion
Microstructure

One of the heat treatment routes practiced in industry to achieve IN718 parts with appropriate strength is
solution annealing at a temperature range of 926℃-1010℃ followed by rapid cooling (i.e. water quenching).
For turbine disc applications, the final forging stage of IN718 usually takes place at 980℃ which is just
below the δ–phase solvus temperature followed by water quenching. Choosing this temperature is
imperative to control the grain size through grain boundary pinning by existing δ–phase at the grain
boundaries [1, 4]. The water quenching process from the forging temperature is to control the size
and distribution of γʺ during the subsequent age hardening heat treatments. The growth rate and volume
fraction of the major age hardening phase (i.e. γʺ), is strongly dependant on the cooling rate from the
solution treatment temperature (i.e. 980℃) such that faster cooling rates results in the faster nucleation and
growth of γʺ [3]. The water quenching however leads to the generation of significant magnitudes of residual
stress [12-16]. The forged material then undergoes precipitation hardening at 718℃ for 8 hours, followed
by furnace cooling to 621℃, then held at this temperature for a total aging time of 18 hours, followed by
air cooling. The purpose of this work was to evaluate the effect of heat treatment at the age hardening
temperature range (i.e. 620℃ - 770℃) on the relaxation of these residual stresses, aiming at
constructing an empirical relationship that can be used for modelling and simulations purposes.
Figure 5 shows that one hour solution treatment at 980℃ has resulted in dissolution of δ-phase content
from an initial 8 ± 2 % to 5 ± 1 % (i.e. by ≈ 3-4%). This is consistent with previous observations where an
empirical model has been proposed to predict the evolution of δ-phase content as functions of temperature
and time [7]. The time required to obtain chemical equilibrium at the grain scale was found to be very much
dependant on temperature. It was shown that the δ-phase content reduced tangentially to ≈0% at 1010℃
after 6 minutes, and ≈2.5% at 985℃ after 6 hours, from an initial content of 5.5 ± 0.5 % [7]. In the
current study, although the exposure time at 980℃ was only for one hour, a significant fraction of δphase was dissolved (≈ 3-4%) which can be due to the relatively high fraction of δ-phase in the as received
material (≈ 10%). In addition to the δ-phase dissolution, the morphology of the remnant δ-phase is changed

from predominantly plate-like shape in the as received material to mainly spheroids after solution
treatment at 980℃ (see Figure 5). This is because the morphology of δ-phase is mainly dependant on the
heat treatment temperature such that the stable morphology over 1010℃ is spheroidal and below 930℃
is plate-like. Previous studies have shown that solution treatments at 950℃ and 985℃, which are
between these two extreme temperatures, resulted in a combination of both spheroidal and platelike morphologies that are both similar to the results observed in this study (see Figure 5) [7, 30].
No significant grain growth has been observed (i.e. only ≈ 1µm) after solution treatment of the as
received material at 980℃ (see Figure 6). Previous observation has shown that no grain growth
occurs at 985℃ in microstructures containing over 4% δ-phase [31], however, later reports showed
with ≈2.5% δ-phase, which is an equilibrium content at this temperature, although the grain growth kinetic
was significantly slower, it had not completely stopped [7]. It has been reported that the plate-like δ-phase
is more efficient in preventing grain growth during solution treatment compared to spheroids morphology
[7]. This is consistent with the results observed in this study as the grain growth had not entirely stopped
(see Figure 6), and this can be due to the significant fraction of δ-phase with spheroid morphology (Figure
5).
In addition to the small grain growth and δ-phase spheroidisation, the solution heat treatment at 980℃ has
resulted in the rearrangement of grain boundaries and local lattice disorientation intragranularly.
These are manifested in the form of a significant reduction in the fraction of low angle grain
boundaries (LAGBs), from ≈18±2% in the as received to 7±3% in the solution treated condition,
and an increase in the fraction of boundaries with 60° misorientation (i.e. from ≈27% to ≈33%), as
shown in Figure 11a, b. The significant fraction of LAGBs and substructures in the misorientation angle
distribution of the as received material (i.e. 2° - 7° in Figure 11a) can be the lattice distortions caused by
second phase particles that is reduced drastically after solution treatment (Figure 11b). The peaks in the
misorientation angle distribution plots in Figure 11 correspond to the 60°/<111> (∑3) misorientation,
as has clearly been shown in the misorientation axis distribution in Figure 12, that is a characteristic
of coherent twin boundaries [32]. The increase in the fraction of ∑3 twin boundaries after heat
treatments (see Figure 11) is not due to twinning mechanism taking place during heat treatments as
similar to those observed in thermo-mechanically processed materials [33, 34], but rather is due to
the rearrangement of the boundaries that are slightly misaligned (i.e. by ≈ 5°) from the 60°
misorientation angle. Further aging heat treatments at 720℃ and 770℃ have led to the fine tuning
of grain boundaries [32] in a form of complete elimination of LAGBs and the boundaries with
misorientations slightly deviated from 60° angle (see Figure 11c, d).

Figure 11: Plots of misorientation angle distribution for the IN718 material used in this study in (a) as received
condition, (b) after 1 hour solution treatment at 980℃, (c) after stress relaxation experiment at 720℃, and (d)
after stress relaxation experiment at 770℃.

Figure 12: Misorientation axis distribution plot for the IN718 material used in this study, after solution
treatment at 980℃ for 1 hour, in 5° angle sections, emphasising a drastically high intensity peak at 60°<111>.
The plot of misorientation angle distribution for the same data is shown in Figure 11(b).

4.2

Stress Relaxation

Components made from IN718 are exposed to the highest thermal and complex mechanical loadings. One
of the important consequences of these extreme conditions is the deformation and dimensional changes
induced by stress relaxation and/or creep mechanisms [20]. The relaxation curves (i.e. stress as a function
of time) shown in Figure 8 can be represented by either a logarithmic law (Equation 6) or a hyperbolic law
(Equation 7) [35].
𝜎(𝑡) = 𝜎0 − 𝑎. 𝑙𝑛(𝑏𝑡 + 1)
Equation 6

𝜎(𝑡) = 𝜎∞ + 𝑏(𝑡 + 𝑎)−𝑚
Equation 7

For all of the stress relaxation tests conducted during the course of this study (e.g. Figure 8b), the hyperbolic
law was found to be the most appropriate way of describing the curves. This was firstly due to the long
time tendency of the stress towards an asymptotic non-zero value (see Figure 9 and Figure 10), and secondly
plotting the derivative dσ(t)/dt against time in the logarithmic scale results in a linear plot with a slope equal
to –(m+1) which is different from (-1) of the Logarithmic law expressed in Equation 6. Transforming by
natural logarithm, the hyperbolic law expressed in Equation 7 obtains a new form presented in Equation 8.
𝑙𝑛[𝜎(𝑡) − 𝜎∞ ] = 𝑙𝑛 𝑏 − 𝑚𝑙𝑛(𝑡 + 𝑎)
Equation 8

Replacing the measured asymptotic stress (σ∞) for each experiment in Equation 8 and by plotting the ln[σ(t)
- σ∞] term as a function of (t + a), a decreasing straight line is obtained in logarithmic coordinates from
which “m” and “b” can be determined (see Figure 13). In fact “m” is the slope of the fitted straight line and
“b” is a value at which the fitted line intersects the horizontal axis (i.e. ln[σ(t) - σ∞]). This is shown in Figure
13 for the stress relaxation test carried out at 720℃ with an initial strain of 2.1%. To determine the only
unknown parameter (i.e. a), the ‘’curve fitting’’ toolbox in MATLAB (version R2013a) has been used to
identify the best “a” parameter by having a best fit to the experimental data with 95% confidence. As an
example, this procedure is shown in Figure 14 for the stress relaxation data obtained for the test conducted
at 720℃ with an initial strain of 2.1%. A fitted curve to the experimental data (red line in Figure 14), by
using the determined “a”, “b” and “m” parameters, shows a reliable (95% confidence) fit with the measured
data. The assessed parameters along with the experimental data for all of the stress relaxation tests
performed in this study are summarised in Table 4. Detailed examination of the numerical values obtained
for coefficients “a” and “b” revealed that they are extremely sensitive to the exact values of “m” because
of the mathematical form of the hyperbolic law.

Figure 13: Example of fitted curve for the determination of “b” and “m” parameters of the stress relaxation
experiments conducted at 720℃ with an initial strain of 2.1%. The stress relaxation data for this particular
test is shown in Figure 8.

Figure 14: A fitted curve with 95% confidence bound to the experimental stress relaxation data conducted at
720℃ with an initial strain of 2.1%, to determine the “a” parameter.
Table 4: Experimental data and numerically adjusted values of the parameters of the hyperbolic law (i.e.
𝝈(𝒕) = 𝝈∞ + 𝒃(𝒕 + 𝒂)−𝒎 ) for the stress relaxation experiments carried out in this study.
Initial
Strain
(%)

Initial
Stress (σ0)
(10 Pa)

(10 Pa)

620

0.5
1.1
2.1

459
491
506

670

0.5
1.1
2.1

553
582
598

Temperature
(℃)

6

Asymptotic
Stress (σ∞)

Numerically Adjusted Parameters
b

m

a (s)

202
215
229

0.79±0.2
0.71±0.3
0.72±0.2

440±26
135±23
347±24

2.34
2.15
1.95

203
223
258

0.64±0.1
0.65±0.1
0.66±0.1

200±10
121±5
210±3

1.27
1.02
1.43

6

9

(10

S.I. unit)

720

0.5
1.1
2.1

542
702
714

169
244
243

0.63±0.1
0.64±0.1
0.64±0.1

80±5
121±4
115±3

0.74
1.11
1.10

770

0.5
1.1
2.1

476
672
696

109
115
120

0.62±0.2
0.59±0.2
0.6±0.1

160±15
200±12
178±10

1.28
1.2
0.90

Experimental difficulties are often encountered with the determination of the asymptotic stress (σ ∞) in terms
of detecting an appropriate value for σ∞. In order to obtain correct values for σ∞ throughout this
investigation, incremental unloading was carried out until a detectable negative relaxation rate was achieved
which is an indication of the lower bound for σ ∞. Also, an alternative way of checking the authenticity of
σ∞ was to make sure that the experimental estimations of σ∞ were compatible with the hyperbolic
description of the relaxation law for the smaller values of time. Similar type of difficulties has been
observed when measuring the friction stresses associated with zero creep rates [36]. The most robust
method of the determination of σ∞ is to measure the creep threshold of the same material with the same
sample geometry [37], however, the incremental unloading approach was considered to be accurate enough
for this study.

5

Conclusion

In this study, the stress relaxation behaviour in a quenched solution treated IN718 nickel based superalloy
during aging has been investigated. The major observations of this work are concluded as follows:
•

•

•

•

6

The tensile stress relaxation experiments proved the presence of a non-zero asymptotic relaxation
stress (σ∞) that is proportional to the applied initial stress (σ0) in the beginning of the test. This is an
indication of the activation of stress sensitive microstructure mechanisms such as cutting or a climbby-pass process of dislocations around γʹ, γʺ precipitates.
The non-zero asymptotic stress (σ∞) appears to be proportional to the initially applied stress (σ0) for
a fixed temperature. It has been shown that the σ ∞/σ0 ratio decreases rapidly with increasing
temperature at the aging temperature range (i.e. 620℃-720℃) investigated in this study.
The relaxation curves are described by a hyperbolic law and the parameters of this law have been
determined through numerical analysis and curve fitting. This hyperbolic law can then be
implemented in simulation models for predicting stress (applied/residual) relaxation during aging
heat treatment.
A small grain growth has been observed during solution treatment of the as received IN718 which
can be due to a significant reduction in the fraction of δ-phase and spheroidisation of the remaining
δ-phase that are less efficient in the pinning of the grain boundaries.
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