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Abstract
Superplastic deformation behaviour of conventional sheets of a near-α titanium alloy (Ti-2.5Al1.8Mn) was studied by a step-by-step decrease of the strain rate and constant strain rate tests in a
temperature range of 790–915 °C. The research found that superplastic deformation is possible in a
temperature range of 815–890 °С and a constant strain rate range of 2 × 10−4 to 1 × 10−3 s−1 with
elongation above 300% and m-index above 0.4. Also, the research identified the optimum superplastic
temperature range of 815–850 °C and constant strain rate of 4 × 10−4 s−1 which provide a maximum
elongation of 600–650%. Strain hardening is accelerated by dynamic grain growth at high
temperatures of 865 and 890 °С. High dislocation activity is observed at superplastic flow in α-phase.
Constitutive modelling of superplastic deformation behaviour is performed, and possible deformation
mechanisms are discussed. It is suggested that grain boundary sliding between the α-grains is
accommodated by a dislocation slip/creep mechanism.
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1. Introduction
Application of titanium alloys in aerospace engineering is growing every year [1]. Titanium- based
alloys are widely used for superplastic forming (SPF) of complex shape aerospace components [2].
SPF allows saving materials and improving product quality, in particular, they increase strength and
reduce final weight of the components [1–3]. A very important advantage of the SPF method is high
accuracy of die surface reproduction and a possibility to achieve very complex shape parts, which is

essential for Ti-based alloys due to their poor formability at low temperatures [3]. One of the first
studies on superplasticity of titanium was performed on the Ti-5Al-2.5Sn α-type alloy [4]. Subsequent
studies found that excellent superplastic properties are observed in α+β type titanium alloys with high
volume fraction of the β- phase [2]. The greater part of the literature on superplastic deformation of
titanium alloys pay particular attention to α+β type alloys, especially Ti-6Al-4V [2,3,5–8]. At the
same time, near-α titanium alloys are also very attractive for airspace applications [1]. Their
advantages are as follows: light weight, superior fatigue and creep properties at elevated temperatures,
adequate strength, toughness and weldability. As aresult, near-α alloys are extensively used in jet
engines. In recent times, studies on superplasticity of near-α alloys have considerably increased [9–
18] due to rapidly growing applications of SPF of Ti alloys in airspace engineering. To perform SPF,
one needs to understand the superplastic tensile behaviour and microstructure evolution during the
deformation of near-α type alloys. Sun and Wan [13] studied the superplasticity of the TA15 alloy
with an initial grain size of 2 μm. They showed that the alloy exhibited maximum elongation of
1074% at 900 °C and strain rate of 3.3×10−4 s−1. Based on the analysis of the m values, the apparent
activation energy and the microstructure evolution, the research demonstrated that the grain boundary
sliding in the studied TA15 alloy is accommodated by the grain boundary diffusion at low strain rates
and high temperatures; and also by the dislocation glide creep at high strain rates and low
temperatures. Lin et al. [15] studied the microstructure and texture evolution of a near-α Ti–6.0Al–
1.21Nb–9.04Zr–3.88Sn–1.59W–0.28Si alloy during tensile tests at 900 °C and initial strain rates of 3
× 10−2 and 3 × 10−3 s−1. The authors reported that the principal deformation process was dynamic
recrystallisation. It was also found that the dynamic recrystallisation process weakened the initial
textures. Another near-α type alloy, Ti-5Al-4Sn-2Zr-1Mo-0.25Si-1Nd, was tensile tested in a
temperature range of 885–935 °C and a strain rate range of 8.3 × 10−4 to 1.33 × 10−2 s−1 [16]. It was
shown that the dynamic recrystallisation occurs at both primary and steady stages of superplastic
deformation and is responsible for the softening effect at a stable flow stage. It was concluded that the
main deformation mechanism at the steady stage is grain boundary sliding accommodated by the
grain rotation process. Similar effects of superplastic deformation in the near-α Ti-5.3Al-3.5Sn-3.0Zr1.0Mo-0.4Ta-0.5Nb-0.25Si alloy were observed by Liu et al. [17] and in the (α + β) type alloy
observed by Xu et al. [18]. Even though the superplastic deformation behaviour of some near-α
titanium alloys has been recently studied, there is not much literature on the superplasticity of the Ti2.5Al-1.8Mn near-α aerospace alloy. This paper provides a better understanding of the superplasticity
phenomena required to perform SPF via a detailed study of the tensile deformation behaviour and the
microstructure evolution of Ti-2.5Al- 1.8Mn alloy.

1.1. Material and methods

Conventional sheets of Ti-2.5 wt%Al-1.8 wt%Mn alloy with a thickness of 1.55 mm were analysed.
Thermo-calc (database TTTi3) was used to analyse the phase volume fractions and compositions
which formed under equilibrium conditions at various temperatures. The as annealed and as-deformed
microstructures were studied after water quenching from annealing and deformation temperatures,
accordingly. Annealing and deformation processes were performed in argon atmosphere to prevent
oxidation of the surface. The samples for the microstructure studies were prepared by mechanical
grinding on SiC papers and polishing on colloidal silicon suspension. Subsequent etching by
15%HF+15%HNO3+70%C2H5O8 solution for 5 s was performed. Scanning electron microscopy
(SEM) using a TESCANVega 3 fitted with EDS and EBSD techniques were applied for compositions,
phases parameters, grain and subgrain size analyses. The EBSD analysis was performed with a step
size of 0.4 μm and a scan area of 250 × 250 μm. Disc-shaped samples with a diameter of 3 mm and a
major axis parallel to the deformation direction were used for the transmission electron microscopy
(TEM). TEM studies were performed using the JEOL JEM–2000 EX microscope. The discs were
electrochemically thinned by twin-jet polishing using Struers Tenupol as the A3 electrolyte at a
temperature of (20±1) °C and a voltage of 28 V. Superplastic indicators and mechanical properties at
room temperature were determined using a uniaxial tensile test on a Walter – Bay LFM100 test
machine with a program service for the in-situ traverse motion. The samples with a gauge section size
of 6.0 × 1.55 mm and a gauge length of 17 mm were cut parallel to the rolling direction. Step by- step
decreasing strain rate tests were done to evaluate the temperature, the strain rate ranges of
superplasticity and the strain rate sensitivity m-index. The strain rate was decreased 1.5 times in each
step in a strain rate range of 1 × 10 −2 to 5 × 10 −5 s−1. The index m was determined as lns-lne slope
in each step. The constant strain rate tests were performed in a temperature range from 790 to 915 °C
and a strain rate range of 2 × 10 −4 to 1 × 10 −3 s−1 to determine the elongations to failure, stress
values and the strain hardening coefficient n.

2. Experimental results
2.1. Microstructure before start of superplastic deformation
A two-phase structure of α (dark in Fig. 1) and β (bright in Fig. 1) phases is observed in the asproceeded sample. The initial volume fraction of the β-phase is 6% as calculated by a linear intercept
method. Fig. 2a shows the polythermal section of the Ti-Al-Mn phase diagram (Thermo-calc model).
The equilibrium polymorphic transformation temperature (β-transus) of the studied composition of Ti2.5Al-1.8Mn is calculated as 906 °C.

Fig. 1. Initial microstructure of the studied material

Fig. 2. Polythermic section of the Ti-Mn-Al phase diagram 1.8%Mn (Thermo-Calc, TTTi3 database)
The microstructure studies were performed after 30 min of annealing at the temperature range of 790–
915 °C with a step of 25 °C and subsequent water quenching to analyse the grain size and the volume
fraction of the α and β-phases before the start of superplastic deformation (Fig. 3). The martensitic
plates of α′-phase are observed in the transformed β matrix as a result of the fast cooling at
temperatures above 840 °C (Fig. 3d–f). Only coarse transformed β-grains with a size of (300–400) μm
consisting of α′ martensite needles are formed after rapid cooling from a high temperature of 915 °C
(Fig. 3f). Thus, the temperature of 915 °C belongs to the single β-phase field, which is in agreement
with the ThermoCalc data (Fig. 2). The β-phase volume fraction increases with increasing the
temperature from 10% at 790 °C to 70% at 890 °C (Fig. 4a). Fine alpha (3.5 μm) and beta (1.5 μm)
grains are observed after annealing at 790 and 815 °C (Fig. 4b). The grains of the α-phase slightly
grow to 4.7 μm at a high temperature of 890 °C. The average β-grain size increases more than twice
from 1.5 to 3.5 μm with increasing the temperature from 815 °C to 890 °C (Fig. 4b). The

concentration of Al in both phases and Mn in the α-phase changes insignificantly in the studied
temperature range (Fig. 4c). Mn concentration in the β-phase significantly decreases from 5.3 to 1.1
wt%, according to the EDS phase composition analysis and from 7.2 to 2.2 wt%, according to
Thermocalc calculation, with increasing the temperature from 790 to 890 °C. It is notable that the
equilibrium concentration values (dotted lines in Fig. 4c) and the SEM-EDS data (solid lines in Fig.
4c) are different, which means that the diffusion processes were incomplete at annealing, and the alloy
exhibits a non-equilibrium state even at high temperatures.

Fig. 3. The microstructure evaluation of the near - α alloy after 30 min of annealing at different
temperatures: 790 °C (a), 815 °C (b), 840 °C (c), 865 °C (d), 890 °C (e), 915 °C – (f).

2.2. Superplastic tensile tests
The superplastic behaviour with a sigmoidal shape of the logarithmic stress-strain rate curves (Fig. 5a)
and m values above 0.5 (Fig. 5b) are observed at a temperature range of 815–890 °C and a strain rate
range of 1 × 10−4–1 × 10−3 s−1. Superplasticity can be found at 790 °C, though at a very low strain
rate range of 1× 10−4 to 1 × 10−5 s−1. The m-index decreases and exhibits a maximum of 0.35 in the
β-phase field at a temperature of 915 °C. The stress values decrease with increasing the temperature
from 790 to 890 °C, whereas they increase again at 915 °C due to the formation of coarse β-grains.
The constant strain rate tests were performed at strain rates in region II (the linear part of the stressstrain rate curves in Fig. 5a). The stress-strain data at a constant strain rate range of 2 × 10−4 to 1 ×
10−3 s−1 and a temperature range of 790–915 °C are shown in Fig. 6a–c. The flow stress in most
cases decrease with increasing the temperature from 790 to 890 °C and the maximum stress value
does not exceed 35 MPa in the studied strain rate and the temperature ranges. Significant strain
hardening is observed at elevated temperatures. Thus, the strain hardening coefficient at the steady

stage rises from 0.20 to 0.35 at 2 × 10−4 s−1 and from 0.15 to 0.4 at (4–8) × 10−4 s−1 in a
temperature range of 815–890 °C (Fig. 6d). It should be noted that the tests were performed by
maintaining the constant value of the strain rates during the experiment, and there is no decreasing
stress values caused by reducing the real strain rate at the initial strain rate tests (tests with constant
traverse mouton). Strong strain softening at large strains (1.4–1.8) is a result of necking.

Fig. 4. The volume fraction f (a) and the chemical composition in wt%C (c) of α and β phases through
Thermo-Calc calculation (dotted lines), and through the EDS analysis (solid lines) and the grain size,
L (b) after 30 min of annealing at various temperatures.
Fig. 6e shows the elongation to failure at different strain rates and temperatures. The transformation of
α→ β takes place at ≈ 906 °C, which results in poor superplasticity at 915 °C. Despite the fact that m
index is above 0.3, necking and elongation below 200% are observed. Possibly, the ideal
superplasticity sigmoidal shape of the stress-strain rate curve in the β-phase field is a result of
microstructure evolution (significant grain and subgrain growth) and strong microstructure sensitivity
to increase both strain rate and deformation time at elevated temperatures. Low temperature of 790 °C
provides a similar poor elongation of 200–280% in the studied strain rate range of 2 × 10−4 to 8 ×
10−4 s−1. Elongations above 300% and stress values below 35 MPa, which are suitable for
superplastic forming, are observed in a temperature range of 815–890 °C and a strain rate range of
4×10−4 to 1 × 10−3 s−1. The maximum elongation of 600–650% is achieved in a temperature range
of 815–850 °C and a strain rate value of 4 × 10−4 s−1. The maximum elongation values correspond
with the utmost m-values calculated using stress values at the steady stage (e=0.5) in a temperature
range of 815–890 °C (Fig. 6f).

Fig. 5. Stress-strain rate curves (a) and contour of strain rate sensitivity index m vs strain rate and
temperature (b).

2.3. Constitutive modelling of deformation behaviour
Superplastic deformation is known to be a diffusion-controlled hot deformation process and the
effects of temperatures and strain rate on deformation behaviour could be represented by the ZenerHollomon parameter (Z) (Eqs. (1) and (2)) [19]. The relationship between Z and the flow stress (σ)
can be expressed by different empirical equations (Eq. (3)): the power function (3.1), the exponential
function (3.2) and the hyperbolic sine function (3.3) [20]. These relationships are mathematically
expressed as:
(1)
(2)

(3)

where

is the strain rate value (s−1); T is the deformation temperature (K); Q is the effective

activation energy of deformation (kJ/mol); and R is the universal gas constant (8.314 kJ mol−1 K−1);
A1, A2, A3, n1, n2, β and α are material constants, α is a stress multiplier and a constant which
adjusts the predicted values into the right range; α can be described as:
(4)
The constant value in Eq. (3.1) and Eq. (3.2) were found by plotting the dependencies of ln(Z) vs.
ln(σ) and ln(Z) vs. σ, correspondently. The values of α were determined using Eq. (4) and the values

of the unknown constants in Eq. (3.3) were determined by constructing the dependencies of ln(Z) vs
ln(sinh(αβ)). The average value of the strain rate sensitivity index m can be calculated as:
(5)
Table 1 shows the calculated values of A1, A2, A3, n1/m, n2, β, Q and α in the temperature range of
815–890 °C and a strain rate range of 1× 10−4 to 1 × 10−3 s−1. There is no significant difference
between the effective activation energy values which were calculated by the above equations, and
184–188 kJ/mol was obtained with an average m-value of 0.67.

Fig. 6. The constant strain rate tensile tests results: flow stress vs strain at the constant strain rate of
2×10−4 s−1 (a) 4×10−4 s−1 (b), 2×10−4 s−1 (c) and different temperatures and strain hardening
coefficient n – vs temperature (d) elongation to failure (e) and strain rate sensitivity exponent for 0.5
strain value (f) maps, as a function of temperature and strain rate.

Table 1. The calculated values for A1, A2, A3, n1, n2, β, α and Q.
ln(A1)

n1/m

8.2

1.49/0.67

Q1[KJ/mol] ln(A2) β[MPa−1] Q2[kJ/mol]
184±8

11

0.09

188±10

α

ln(A3)

n2

0.06 12.3±2.5 1.08

Q3[kJ/mol]
187±8

2.4. Grain structure evolution at superplastic deformation
The microstructure evolution after superplastic deformation at a strain rate of 4 × 10−4 s−1 in a
temperature range of 815–890 °С and a strain range of 0.4–1.6 was analysed by SEM to identify the
causes of the strain hardening effect. The results of the quantities analysis of the grain size evolution

are shown in Fig. 7a, and the patterned microstructures in the longitudinal cross section after the
strains of 0.7 and 1.6 at different temperatures are presented in Fig. 7b–f. The grain size
insignificantly changes at 815 °С: α- and the β-grains grow from 3.6 to 5.1 μm and from 1.8 to 2.3
μm, respectively (blue lines in Fig. 7a). The average grains of both phases are fine at 840 °С, and
there are no pronounced differences between the undeformed initial grain size and the grain size up to
a strain of 0.6 (red lines in Fig. 7a). The average α- and β-grain sizes changed from 4.2 to 7.2 μm and
from 2.2 to 4.2 μm, respectively, with an increase of the strain to 1.6 (400%). Some coarse grains are
observed at 865 °С (green lines in Fig. 7a). A significant dynamic grain growth is found at 890 °С at
the beginning of the superplastic deformation, and the grain size of both phases increases with an
increase of the strain (black lines in Fig. 7a). The average dynamic grain growth rate of both phases
increases almost in order from 3 × 10−4 μm/min to 1.3 × 10−3 μm/min with an increase of the
temperature from 815 to 890 °С.

Fig. 7. The grain size vs the strain after superplastic deformation at 4 × 10−4 s−1 strain rate in a
temperature range of 815–890 °C (a) and microstructures at 815 °C (b, c), 840 °C (d, e) and 890 °C (f,
g) and strains of 0.7 (b, d, f) and 1.6 (c, e, g). (For interpretation of the references to color in this
figure legend, the reader is referred to the web version of this article.)
Fig. 8 presents the electron backscatter diffraction (SEM-EBSD) grain-subgrain boundaries maps and
the texture analysis of the as-annealed (time of 59 (a) and 97 min (b)) and the as-deformed (0.7 (c)
and 1.6 (d) strain) samples at 840 °С. The time of 59 and 97 min of annealing corresponds with the
strains of 0.7 and 1.6 at the strain rate of 4 × 10−4 s−1. It should be noted that the transformed βphase exhibits the same HCP lattice as the α-phase at room temperature, and there are well as the
average size of α and the transformed β-grains in the as-quenched sample. Thus, the grain size of the
stable β-phase with the BCC lattice and the average grain size of both stable α-phase and α- phase

which can belong to β at the elevated temperatures are measured by a SEM-EBSD method. The
volume fraction of the HCP phase (α and transformed β) is 95±1% and the BCC phase (stable β) is
only 5±1% at room temperature, which corresponds with the volume fraction analysis of the initial
microstructure as presented in Fig. 1. A strong texture is observed in the as-annealed conditions (Fig.
8a, b). For the as deformed conditions, the randomness of the crystal orientation increases with an
increase of the strain; thus, the texture weakens as the superplastic strain accumulates (Fig. 8c, d).
The grain size of the β-phase varies from 1.9 to 2.5 μm, and there is no pronounced difference
between the grain size after 0.7 and 1.6 strain; and after 59 and 97 min of annealing. Non-equiaxed
shaped α- grains of 4.0 μm in size with high density (27%) of low-angle boundaries (LAB, green lines
in Fig. 8a) are observed after 59 min of annealing with the deformed fraction (15%) of both phases
(Fig. 8a). The recrystallisation process changes the structure to more equiaxed grains with a size of
4.5 μm. The LAB fraction decreases to 18% and the deformed fraction in both phases decreases to 4%
after 97 min of annealing (Fig. 8b). The as-deformed samples exhibit mostly equiaxed α- grains with a
size of 5.8 μm and 6.3 μm after 0.7 and 1.6 strains, respectively. The main misorientation angle is
approximately 50°, and the fraction of the LAB boundaries is 10% (Fig. 8c and d). The deformed
fraction increases to 55% in the stable β-phase at superplastic deformation.
Few free dislocations are observed by a TEM study in the α-phase after 97 min of annealing at 840 °C
(Fig. 9a). Conversely, significant dislocation activities coupled with the formation of the dislocation
walls inside the α-grains are observed after 0.7 (Fig. 9b) and 1.6 (Fig. 9c) strains. Analysis of the
evolution of dislocation structure in the β-phase at superplastic deformation is difficult, because it is
mainly the β-phase which exhibits polymorphic transformation when cooling to room temperature.
The resulting changes in the dislocation structure are dependent on cooling conditions, polymorphic
transformation and superplastic deformation.
The portion close to the failure zone of the sample tested at a temperature of 840 °C and the strain rate
of 4 × 10−4 s−1 is shown in Fig. 10. Cavitation is not observed up to the failure of the sample (650%
of strain). Mechanical properties at room temperature were studied in two conditions for comparison:
as-deformed with 4 × 10−4 s−1 to strain of 0.7 (100%) and as-annealed after corresponding annealing
time of 59 min. The samples were air cooled after both deformation and annealing. The yield stress
(YS) of 540 MPa and the ultimate tensile strength (UTS) of 670 MPa as well as the yield stress of 490
MPa, and the ultimate tensile strength of 600 MPa are achieved in the as-annealed and the asdeformed states, respectively. Thus, both the YS and UTS decreased 10–12% as a result of
superplastic deformation. The elongation is 14% in both states. It is notable that the conventional
sheets of the near-α type alloys exhibit superplasticity at lower temperatures (up to 815 °C) as
compared to the traditional Ti-6Al-4V alloy [2,21,22] with negligible cavitation and elongation of
600%, which is sufficient for successful application in the superplastic forming technology.

Fig. 8. The electron backscatter diffraction analysis and the estimated texture for the α-phase in Ti2.5Al-1.8Mn titanium alloy after annealing of 59 (a) and 97 min (b) and after the tensile strain at 840
°C with a strain rate of 4 × 10−4 s−1 at different tensile stages: (a) e = 0.7 and (b) e = 1.6; black lines
are high-angle boundaries and green lines are low-angle boundaries. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of this article.)

3. Discussion
Theoretically, different processes can occur at superplastic deformation such as: (i) grain boundary
sliding accommodated by dislocation slip/creep, diffusion creep and grain rotations [2,23–29], (ii)
dynamic recovery and recrystallisation [11,13,17,29–36], and (iii) dynamic grain growth [37–39]. It is
widely believed that grain boundary sliding is the main mechanism for superplasticity of Ti alloys,
and grain boundary sliding is accommodated by diffusion creep and dislocation slip/creep or both
[2,36,37,40–42]. Many structure parameters affect superplastic deformation behaviour due to their
influence on the deformation mechanisms. It is known that the volume fraction and the grain size of

phases play a critical role in superplasticity of duplex type two-phase materials [2]. In particular,
when a crystal structure of the phases is different — HCP for α and BCC for β — the phases exhibit
different deformation behaviour and diffusion characteristics. It is known [29,43,44] that the BCC β is
considerably softer than the α phase at elevated temperatures due to higher diffusivity and more slip
systems of dislocations. The optimal superplastic temperature of two-phase materials like Ti 6-4 are
usually observed when the volume fraction of the α/β phase is close to 50/50 [2] due to a low dynamic
grain growth, high density of interphase boundaries which simplified the grain boundary sliding in the
α/β boundaries [45–48] and a high amount of soft deformable β-phase which improves both
intragranular mechanisms of superplastic deformation - dislocation and diffusion creep [2,29,49].
Thus, the volume fraction of the β-phase could play a critical role in the deformation mechanisms and
the final superplastic properties of Ti alloys. In the studied alloy, the α/β = 50/50 temperature
(T50/50) is close to 865 °C, according to the microstructural analysis and Thermocalc calculation.
With the above in mind, the expected optimum superplasticity should be found at this temperature. On
the contrary, the maximum elongation of 600–650% corresponding with the maximum m-values (Fig.
6e, f) are found in a temperature range of 815–850 °C, which belonged to the α+β field with 70–88%
volume fraction of the α-phase and only 30–12% of the β-phase. The elongation decreased to 400%
with increasing the temperature to T50/50 = 865 °C.

Fig. 9. TEM structure of the α-phase after 97 min of annealing (a) and after superplastic deformation
with strains of 0.7 (b) and 1.6 (c)
The stress strain curves analysis showed that the strain hardening coefficient dramatically increases
with an increase of the temperature from 815 to 865 °C, and especially to 890 °C, being mainly a
result of the dynamic grain growth effect, which is in agreement with [13]. Thus, both the increasing
strain hardening coefficient and the decreasing elongation values with an increase of the temperature
are the results of the dynamic grain growth effect. Whiles the β-phase exhibits high diffusivity, it also
undergoes a strong rapid grain growth at elevated temperatures. The additional possible reason for
such a significant dynamic grain growth at ≥ T50/50 in the studied near-α alloy is the low solute
content in the β-phase at elevated temperatures. The concentration of Mn in the β-phase strongly
decreased from 4.5 to 1.5 wt% with an increase of the temperature from 815 to 890 °C. The
composition of the α-phase slightly depends on temperature, but the concentration of the alloying

elements does not exceed 3 wt% (Fig. 3c). It is known that the α-phase significantly restricts the grain
growth because of the long-range diffusion, which is necessary to transfer highly partitioned alloying
elements, for example, vanadium in β phase in Ti 64. The concentration of V in the β-phase is
comparatively high (6 wt%) at an optimum superplastic deformation temperature of 900 °C
[21,22,37,38], according to the ThermoCalc calculation of the phase compositions of the Ti-6Al-4V
alloy. The poorly alloyed β-phase in the studied near-α alloy can lose temperature stability due to
changed diffusion characteristics and atomic diffusion mechanisms at high temperatures. Conversely,
high solute content in the β-phase inhibits β-grains growth, and content of solute atoms additionally
with temperature affects the grain stability. The same improvement of the superplasticity due to
enhanced ductility of the heavily alloyed β-phase with the BCC lattice was observed in duplex type
brass in [50]. The significant effect of solute content on the dynamic grain growth and superplastic
behaviour in aluminium alloys was observed in [39,51,52]. Probably, superplastic deformation
behaviour of two-phase materials with a duplex type structure depends on the phase composition at
elevated temperatures in addition to the grain size and the volume fraction of the phases.

Fig. 10. Failure zone of the sample after 650% of strain at temperature of 840 °C and strain rate of 4 ×
10−4 s−1
The studied alloy exhibits a lower fraction of the LAB and a more equiaxed grain shape after
deformation as compared to the undeformed structure as a result of the EBSD studies (Fig. 8), a
poligonisation process with high density of dislocations observed by TEM in as-deformed state. Thus,

the accumulation of dislocations at deformation increases the misorientation angle of the subgrain
boundaries and supported the acceleration of the equiaxed grain structure formation. These
observations at the initial stage of deformation are attributed to the dynamic recrystallisation effect.
Both the YS and the UTS are lower in the asdeformed state with a strain of 0.7 as compared to the asannealed state with corresponding annealing time of 59 min without any decrease in the elongation
and cavitation. Decreasing mechanical strength at room temperature in the as-deformed state can also
be attributed to dynamic recrystallisation. Dynamic recrystallisation is usually observed in materials
with partially unrecrystallised or entirely banded grain structure before the start of superplastic
deformation [39,53–57]. Several works [15–17] observed the dynamic recrystallisation effect at
superplastic deformation in near-α Ti alloys and in Ti 64 at low temperature of 750 °C [39]. There
were no obvious changes in either the grain aspect ratio or fractions of high angle boundaries at the
steady stage of the superplastic flow of the studied alloy. In result, there is no recourse to suggest that
there was dynamic recrystallisation at the steady stage of deformation. However, evidences of
dynamic poligonisation are observed in the α-phase at large strains (Fig. 9b–d).
The dominant mechanism of superplastic deformation at the steady stage could be suggested by the
analysis of the effective activation energy of superplastic deformation and strain rate sensitivity index
m. The activation energies have been reported for grain boundary selfdiffusion as 183 kJ mol−1 and
153 kJ mol−1; and for intragranular diffusion as 306 and 317 kJ mol−1 in α-Ti and β-Ti, respectively
[58,59]. The effective activation energy of 184 kJ mol−1 are calculated in a temperature range of
superplasticity from 815 to 890 °C. This value is close to the activation energy for the grain boundary
self-diffusion in α-Ti and is significantly lower than the lattice self-diffusion of both phases. Such a
value of the effective activation energy for superplastic deformation in Ti alloys is usually associated
with the grain boundary sliding mechanism [60] accommodated by grain boundary diffusion [32].
Additionally, at strain rate sensitivity index m>0.5, the equiaxed shape of α-grains at the steady stage
of deformation is retained. A significant weakening of the crystallographic texture at deformation is
found, which is typical for grain boundary sliding controlled superplasticity in region II. These effects
support the claim that the grain boundary sliding is the dominant mechanism, which is in agreement
with a well-known description of superplastic phenomena [2].
High dislocation activity in the α-phase observed by TEM at superplastic flow shows that GBS in the
α-grains is accommodated by a dislocation slip/creep mechanism. Dislocation activity in the ductile βphase at superplastic deformation can be suggested according to the EBSD analysis which showed a
significant increase in the deformed fraction of the β-grains. Evidences of plastic deformation in the
β-phase with insignificant deformation in the α-phase appear at 900 °C for the Ti-6A1-4V alloy, as
shown by Leader et al. [61]. Also, high dislocation activity in the β-phase at superplastic deformation
was observed in-situ by Alabort [39]. Thus, the fine β-phase inhibits the dynamic α-grains growth in
the optimum superplastic temperature range and provides the accommodation mechanisms (diffusion

and dislocation creep), and as a result, a stable flow stage without any significant strain hardening and
cavitation are observed.

4. Summary
Microstructure evolution and deformation behaviour of conventional sheets of Ti-2.5Al-1.8Mn alloy
were analysed in a temperature range of 790–915 °C and a strain rate range of 10−5 to 10−2 s−1 to
identify the optimum superplastic deformation temperature and strain rate ranges. The superplastic
behaviour with m>0.4 and elongation above 300% is observed in a temperature range of 815–890 °C
and a strain rate range of 2 × 10−4 to 1 × 10−3 s−1. Low strain hardening with n<0.2 is found at a
temperature range of 815–850 °C, and n increases to n = 0.4 at 865–890 °C, which was explained by
the dynamic grain growth effect. As shown by the SEM-EDS analysis, the concentration of Mn in the
β phase significantly decreases with an increase of the temperature, and it is believed to be an
additional factor for the dynamic grain growth acceleration which resulted in a decrease of the
elongation values at high temperatures. As a result, the maximum elongation of 600–650% without
cavitation is achieved at a temperature range of 815–850 °C and with the β volume fraction of 12–
30%.
It was found that the effective activation energy of superplastic deformation is 184–188 kJ/mol, and it
can be associated with the domination of the grain boundary sliding mechanism between the α- grains.
Grain boundary sliding in the α-grains is accommodated by a dislocation slip/creep mechanism, which
is confirmed by a significant dislocation activity at superplastic flow at 840 °C and 4 × 10−4 s−1. The
dynamic recrystallisation effect which supported the formation of the equiaxed grain structure is
observed at the initial stage of the deformation with a strain below 0.7. Poligonisation occurred in the
α- phase at large strains of 0.7 and 1.6. It is assumed that fine and ductile β-phase decreases the
dynamic grain growth effect in the α-phase, and simplifies the accommodation process of the
superplastic deformation.
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